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INTRODUCTION

At present, the study of fundamental properties of
a substance ground to nanometer sizes is developing
vigorously. The properties of solids during their disper�
sion into nanometer sizes change so substantially and
diversely that a large quantity of review papers con�
cerning this problem have been published [1–6].

The influence of nanometer�scale spatial restric�
tions on the structures and properties of low�molecu�
lar�mass solids has been well known for a long time. As
an example, the study of thermodynamic properties of
the very widely used solvent benzene may be men�
tioned [7]. Benzene was introduced into nanoporous
glasses, and its melting processes were investigated via
DSC [8]. Figure 1 presents the typical results of this
study.

Without going into details of the mechanism of the
observed phenomena, note, first, that melting temper�
ature Tm of benzene decreases during its penetration
into narrow (nanosized) pores and, second, the value
of depression depends on the diameters of pores: the
smaller the diameters of pores, the lower the melting
temperature of benzene. Moreover, as follows from

Fig. 1, the interval of melting likewise depends on the
diameters of pores in the porous glass: the smaller the
diameters of pores, the wider the interval of benzene
melting. In the narrowest pores, it exceeds 20°C,
whereas in the bulk, the interval of benzene melting is
not above 5–7°C.

As the diameters of pores decrease, such an impor�
tant characteristic of a substance as the heat of melting
changes as well. As is clear from Fig. 2, beginning from
pore diameters of ~25–30 nm, the heat of melting rap�
idly decreases with decreases in diameters of pores and
this reduction may be very pronounced, for example,
several�fold [7]. It should be emphasized that the
decreases in the temperature and heat of melting in
nanopores are of a general pattern and are observed for
many low�molecular�mass crystallizable liquids [9].

The effect of nanometer�scale spatial restrictions is
likewise distinct in the case of high�molecular�mass
compounds (e.g., [10–15]). This circumstance in turn
is of great importance for the obtainment of such min�
iature objects as nanorods and nanofibers and for the
development of modern devices used to solve impor�
tant applied problems in microelectronics, biomedi�
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cine, and many other areas [16–21]. Considerable
progress has been achieved in research into the effect
of nanometer�scale spatial restrictions on the structure
and properties of amorphous polymers [22].

The present review is devoted to the generalization
and analysis of the experimental data demonstrating
the effect of geometric spatial restrictions on the struc�
tures and properties of polymers. There are several
techniques that make it possible to investigate the
effect of nanometer�scale spatial restrictions on the
structures and properties of polymers. First, there are
one�dimensional restrictions implemented in thin
films or layers, when the growth of crystals is confined
only in one direction (perpendicular to the thickness
of a film or layer). In all other directions, the growth of
polymer crystals occurs freely, without any restric�
tions.

Second, there are two�dimensional restrictions. An
example of spatial two�dimensional restrictions is the
crystallization of polymers in nanoporous cylindrical
templates, such as nuclear filters (track membranes)
or aluminum oxide plates (AOPs). In these porous
media, crystallization is confined in the cylindrical
space of a pore.

Finally, there are three�dimensional restrictions,
which are implemented in nanosized spherical parti�
cles or particles with similar geometries existing in sus�

pensions and emulsions [23]. In this case, the front of
the crystallization of the polymer is confined in all
directions and these restrictions are the most efficient.
In this review, effects of all the above�mentioned kinds
of spatial restrictions on the crystallization of poly�
mers will be considered sequentially.

PROPERTIES OF AMORPHOUS POLYMERS IN 
THIN (NANOMETER) LAYERS

In recent years (beginning in the mid�1990s),
major discoveries were made in the field of thin
(nanometer) layers of amorphous polymers. The phe�
nomenon of the strongest depression of glass�transi�
tion temperatures Tg of amorphous polymers in their
thin films and surface layers should be noted above all.
The case in point is polymer layers with thicknesses up
to tens of nanometers. Nowadays, the general charac�
ter of this phenomenon is beyond question; however, it
was overlooked earlier: in the study of the properties of
bulky polymers, the contribution of surface layers to
properties was negligibly small and was disregarded.
Nevertheless, in cases when a high�level interfacial
surface develops during deformation, this contribu�
tion should be taken into account. Let us consider the
main features of this phenomenon.

Glass�Transition Temperatures of Free�Standing 
Polymer Films of Nanometer Thicknesses

Methods that make it possible to prepare thin
(hundreds of angstroms) films without any substrates,
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Fig. 1. DSC thermograms of benzene melting in the bulk
(the lower curve) and in porous glasses with pore sizes
shown on the thermograms [7].
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as well as techniques to measure their Tg values [24],
were developed. These films may be prepared two
ways. First, the film formed on the substrate is floated
on the surface of water and then is picked up on a sup�
porting grid. Second, the films are prepared via evap�
oration of a thin layer of a polymer solution deposited
on the surface of a denser liquid: as a rule, water. In
fact, this is the technique for the preparation of sup�
porting film substrates for transmission electron
microscopy. After the film is formed on the surface of
water, it is placed in a special holder and its properties
are investigated.

Because the majority of studies of free�standing
films were performed with the use of PS, the experi�
mental data reported by various researchers may be
generalized in a common figure [25].

As is clear from Fig. 3, such an important charac�
teristic of a polymer as Tg begins to decrease abruptly
when the thickness of the polymer film becomes less
than 70–80 nm. The values of Tg depression may
attain many tens and even hundreds of degrees. The
mechanism of the observed phenomenon is still not
clear to the full extent, although reasonable assump�
tions about this issue were highlighted in detail in the
literature [26, 27].

In conclusion of this section, it should be empha�
sized that a sharp depression of Tg in the surface layers
and thin films of glassy polymers is directly confirmed
by elastic moduli measurements. In [28–33], the elas�
tic moduli were estimated on the basis of analysis of
microreliefs appearing during deformation of bilayer
polymer systems. The results of these measurements
for glassy PS are presented in Fig. 4 as the dependence
of elastic modulus on thickness of the film. It is seen

that once the thickness of the PS film becomes less
than 50–70 nm, the elastic modulus decreases
abruptly, regardless of the molecular mass of the poly�
mer. This decrease attains high values. (The modulus
decreases by a factor of 4–5 at most.) These data are
consistent with the above�described results of Tg mea�
surements in thin films of glassy polymers (compare
Figs. 3 and 4). Hence, the first circumstance that is
worth noting is that Tg of the polymer in nanometer
layers declines strongly.

Glass�Transition Temperatures of Polymer Films
of Nanometer Thicknesses on Solid Substrates

Another important circumstance that should be
considered within the context of this review is that the
molecular mobility of the polymer with Tg being a
measure of this phenomenon depends on the contact
of the thin polymer film with various types of interfa�
cial surfaces. Therefore, it is vital to examine in detail
how the type and structure of the given boundary
affect the glass transitions of polymers.

The depression of Tg of the polymer in thin
(nanometer) films deposited on a silicon wafer passi�
vated with hydrogen was first observed via ellipsometry
[34]. The film thickness was varied from 300 to 10 nm.
It was shown that, starting from a thickness of 40 nm,
the glass�transition temperature of PS begins to
decline abruptly relative to its value for the bulky poly�
mer. At a film thickness of 10 nm, the depression was
25 K. This value was far beyond the error of glass�tran�
sition temperature determination via ellipsometry.

As was shown in [35, 36], the values of Tg fre�
quently decrease appreciably in nanometer�thick
films deposited on solid substrates, as in the case of
free�standing films considered above. However, in
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Fig. 3. Plots of Tg of free�standing PS films vs. their thick�
nesses M = (116–347) × 103. The dotted curve is the glass�
transition temperature of bulky PS [25].
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some cases, the depression of Tg is less distinct [26] or
absent or Tg increases significantly [37–40].

For substrate�deposited thin films, the intensity of
molecular motion is noticeably affected by the type of
interfacial contact [41]. This phenomenon was intelli�
gibly observed, for example, in [42]. The authors of
[42] measured electron density in the surface layers of
PS, PMMA, and poly(4�vinylpyridine) (PVP) thin
films deposited on a SiO2 substrate with the use of X�
ray reflection spectroscopy. The thicknesses of the
films were approximately 4Rg, where Rg is the radius of
gyration of a macromolecule. It was found that, for PS
and PMMA, electron density near the free surface of
the film decreases, while for PVP, this property
increases. In accordance with [42], the observed effect
is associated with different intensities of interaction
between hydrophobic (PS and PMMA) and hydro�
philic (PVP) polymers with the polar substrate.

The authors of [43] reported that the type of sub�
strate shows a considerable effect on molecular mobil�
ity of the polymer in the substrate�adjoining thin layer.
The diffusion coefficients of fluorescently labeled PS
macromolecules deposited on quartz substrates were
measured with the use of the fluorescence technique
[43]. It was shown that, at a film thickness less than
150 nm, the diffusion coefficient decreases. As in [44],
the decrease in the diffusion coefficient was explained
by a strong interaction with the substrate restricting
the molecular mobility of chains.

A similar conclusion was made in [26] on the basis
of Brillouin light�scattering and ellipsometry mea�
surements of Tg values in thin PS films as a function of
their thicknesses. The data obtained for free�standing
films and silica substrate�supported films having dif�
ferent molecular masses were compared. For free�
standing films, a sharp (by more than 60°C) depres�
sion of Tg was observed for films with thicknesses h ≤
Ree, where Ree is the unperturbed coil size. For sup�
ported films, the depression of Tg was likewise
observed, but the magnitude of this depression was as
low as 4°C. A marked influence of the substrate on the
thermal�expansion coefficient in thin films of deuter�
ated PS was revealed via the method of neutron scat�
tering [45]. It was found that, for deuterated PS, there
is a noticeable gradient of the thermal�expansion
coefficient over the film thickness, which in turn
depends on the type of interfacial contact. This phe�
nomenon was explained by the interaction of the poly�
mer with the substrate.

Birefringence�relaxation studies made it possible
to estimate Tg values for ultrathin PS films on glass
substrates [35]. As the thickness of the film was
decreased from 10 μm to 5.8 nm, the depression of Tg

was 15–20°C. In thick films (10 μm), molecules close
to the polymer/air interface relax at a higher rate than
molecules in contact with the substrate. Considerable
restrictions imposed on the molecular mobility in thin
PS films on silicon wafer were additionally described

in [46], although the thicknesses of the films were
much greater than the gyration radius of the molecule.
It may be stated that the above restrictiîns of molecular
mobility appear because of a strong interaction with
the substrate. The electron�density gradient in the
direction perpendicular to the plane of thin (20–
80 nm) films of stereoregular PMMA on a silicon
wafer was measured via X�ray diffraction analysis [47].
This method allows weak density fluctuations to be
estimated. It was shown that, in the polymer in contact
with the substrate, density increases regardless of the
polymer tacticity and film thickness. The observed
effect was explained by a better packing of macromol�
ecules at the interface due to the interfacial interaction
and selective adsorption of stereoregular sequences.

The molecular dynamics of isotactic PMMA at
273–392 K was investigated with the use of dielectric
spectroscopy [48]. Two loss peaks α and β were
detected with β being independent of the film thick�
ness and α corresponding to Tg of the polymer and
decreasing with thickness by two orders of magnitude.
At the same time, as evidenced by ellipsometry, Tg of
the polymer gradually increases with a decrease in the
thickness of the polymer layer. This contradiction in
the character of change in Tg with a decrease in the
film thickness, in accordance with [48], may be asso�
ciated with different interactions between the polymer
and the substrate. During dielectric�spectroscopy
measurements of Tg, the film was placed between two
aluminum electrodes, while in ellipsometry studies,
the film was formed on a silica substrate.

Adsorption effects at the interface that entail
restriction of the mobility of polymer chains may be so
strong that they even cause an increase in the glass�
transition temperature of the polymer. The behavior of
PMMA adsorbed from a solution on a silicon wafer
was studied with the aid of modulated DSC [40]. It was
shown that Tg of the adsorbed PMMA increases from
108°C (Tg of the bulky polymer) to 136°C. There are
other published data that, in thin (nanometer) poly�
mer phases, an increase, rather than a decrease, in Tg

occurs. For example, for nanosized species of poly�
acrylamide obtained via solution spraying on a solid
surface, the value of Tg increased relative to that for the
bulky polymer [49–51]. A similar effect was observed
in microemulsions of PMMA [52–53].

For example, let us consider the data reported in
[54]. Figure 5 plots the dependence of Tg of
poly(bisphenol A hexane ether) on the thickness of its
film on a silicon wafer. It is seen that Tg sharply
increases at thicknesses less than 30 nm. Similar
results were obtained during dielectric�relaxation
spectroscopy measurements of Tg for polycarbonate
based on bisphenol A. It was shown that, as the thick�
ness of the PC film is decreased from 50 to 20 nm, its
Tg increases from 420 to 443 K [55].

The above�described examples are in agreement
with other data available for thin films on solid sub�
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strates in cases when there is a strong polymer–sub�
strate interaction [56–59]. Hence, Tg of the polymer
in thin films is not a constant value. It may decrease on
a free surface or even increase if the polymer is in con�
tact with the solid substrate, because of an intense
interaction with the latter.

Moreover, the strong polymer–substrate molecular
interaction in thin (nanometer) layers may fully sup�
press the large�scale mobility of the polymer. For
example, the Tg value of the polymer (PS, poly(ethyl
acrylate)) embedded in nanometer channels of zeo�
lites cannot be measured via DSC [60, 61]. Neverthe�
less, for the individual polymer extracted from these
channels with the use of a solvent, a Tg value typical for
the bulky polymer is detected. As was shown in [62],
despite very small diameters of channels (0.74 nm),
macromolecules are efficiently sorbed by a zeolite
probably via the reptation mechanism. Evidently, sup�
pression of the molecular mobility of polymer chains
responsible for glass transition is caused, first, by the
narrowness of pores, in which the cooperative large�
scale molecular motion is impossible, and, second, by
the strong polymer–substrate interaction, which addi�
tionally suppresses the dynamics of polymer chains.
Naturally, because of such impediments to the large�
scale molecular motion, the crystallization of the
polymer likewise becomes impossible under these
conditions.

The above data demonstrating the effect of the sizes
of the crystalline phase of the polymer on its Tg mostly
refers to nanosized flat films and layers. However, this
phenomenon is of a general pattern. As was shown
recently in [63], the strongest depression in Tg of the

polymer is observed in nanosized dispersions of the
amorphous polymer (Fig. 6). As follows from Fig. 6, at
diameters of nanoparticles less than 300–400 nm,
there is the strongest depression of Tg of the polymer,
which attains almost 60°C.

In summary of the foregoing evidence, it may be
inferred that, in thin films and surface layers of amor�
phous polymers, the value of Tg decreases abruptly rel�
ative to the corresponding value of the bulky polymer.
However, for thin (nanometer) films supported on
solid substrates, the above�mentioned effect may
become weaker or may even change sign owing to the
interaction of the polymer with the substrate material
(Fig. 5).

Note that, in fact, the effect of the geometric sizes
of the polymer on its glass�transition temperature like�
wise strongly influences the temperature interval of its
crystallization. As is generally agreed for linear poly�
mers, the maximum rate of crystallization at a certain
constant temperature is situated between the melting
temperature and the glass�transition temperature of
the polymer [64]. This relationship is related in partic�
ular to the features of nucleation during polymer crys�
tallization. For both homogeneous and heterogeneous
characters of nucleation, the temperature dependence
of the rate of nucleation passes through a maximum at
a temperature in the interval between Tg of the poly�
mer (Fig. 7), below which the large�scale molecular
motion necessary for nucleation is absent, and Tm,
where the rate of nucleation is also zero [64, 65]. Evi�
dently, the value of Tg shows a strong effect on the pro�
cesses of polymer crystallization and determines the

33

20

Glass�transition temperature, °C

40 80

36

45

39

0 10060
Films thickness, nm

30

42

48

51

Fig. 5. Glass�transition temperature of poly(bisphenol A hexane ether) vs. thicknesses of its films deposited on the silicon wafer.
The glass�transition temperature of the bulky polymer is 33.8°C [54].
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lower temperature boundary of its crystallization on
the whole.

CRYSTALLIZATION OF POLYMERS
UNDER CONDITIONS

OF NANOMETER�SCALE SPACIAL 
RESTRICTIONS

To start, let us remember in brief some fundamen�
tal theses of crystallization in general. Crystals of a
substance may appear on nuclei in a supercooled melt
or via oversaturation of a solution of this substance.
Nuclei may be large fluctuations of atoms (molecules)
of this substance (homogeneous nucleation) or ran�
dom species, for example, colloid particles, catalysts
species, dust particles, and other admixtures able to
adsorb crystallizable compounds on their surfaces
(heterogeneous nucleation) [64, 66]. It is evident that
the homogeneous nucleation requires much more

pronounced supercooling, ΔТ = Tm – Тcr, where Tm is
the melting temperature and Тcr is the crystallization
temperature, than the heterogeneous nucleation.

The above�described features of crystallization are
of a general pattern, regardless of whether a low�
molecular�mass compound or a polymer crystallizes.
The linear structuring of polymer molecules is respon�
sible for the specific features of polymer crystalliza�
tion. The main distinct feature of the crystalline state
of flexible�chain polymers is the folded character of
their crystallites. Such crystallites, in which polymer
chains are arranged into lamellas via repeated folding,
serve as basic elements for more complex structures
(spherulites, dendrimers, etc.). An important conse�
quence of the folded structuring of polymer crystallites
is that, as opposed to low�molecular�mass com�
pounds, polymers always contain amorphous compo�
nents; therefore, polymers are described in terms of
the degree of crystallinity, which is usually in the range
from 20 to 80%. Higher degrees of crystallinity in
polymers are implemented rarely and require peculiar
preparation conditions, which allow, for example, the
growth of polymer single crystals [67] or extended�
chain structures [68].

Polymer lamellas formed by folded macromole�
cules in various projections are schematically shown in
Fig. 8 [69]. It is substantial that the value of folding in
such lamellas is up to tens of nanometers, while their
other faces are much larger. It is evident that the free
surface energy of the side face formed by macromolec�
ular folds, σ1, is much greater than the free surface
energy of the face plane formed by densely packed
mutually oriented macromolecules, σ2 [69].

During crystallization in the bulk, anisotropic
lamellas may be isotropically (chaotically) oriented in
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Fig. 6. Depression of glass�transition temperature (Tg – Т ) of PS nanoparticles measured via (1) DSC and (2) dilatometry vs.
their sizes. The dotted curve corresponds to Tg of individual PS [63].
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space. However, the lamella cannot freely rotate in
systems with nanosized restrictions commensurable
with its thickness. As a result, the preferred orientation
of lamellas is observed, as experimentally verified in
many studies for thin films, block copolymers, and
nanoporous materials.

As an example, Fig. 9 [70] shows possible direc�
tions of growth of crystals and their orientation in
cylindrical pores. Crystals may grow both in the direc�
tion of the pore axis and normally to this direction.
There are mostly two types of preferred orientations:
perpendicular (edge�on lamellas) and parallel (flat�on
lamellas) orientations of the alignment of lamella with
respect to the flat surface of the substrate or the walls
of pores in the cylindrical pore. It is clear that a
decrease in the volume of the crystalline polymer
phase to the nanolevel inevitably affects both the sizes
of crystalline lamellas and their orientation in cases
when spatial restrictions are of an asymmetric geome�

try. Figure 8 shows two types of orientation of crystal�
line lamellas relative to the flat substrate. Moreover,
the above�mentioned great difference in surface ener�
gies of various faces of polymer folded crystallites
should inevitably affect both crystallization of the
polymer on the whole and the orientation of crystal�
lites in the resulting material.

The above�described features (difference) of the
molecular motion of the polymer, for which Tg is a
measure at the boundary with air or with the solid sub�
strate, transform this seemingly simple and well�stud�
ied system as a thin polymer film on the solid substrate
into a very nonsimple object. Let us examine a thin
polymer film deposited on a solid substrate (Fig. 10)
[54].

As is clear from Fig. 10, the properties of the sur�
face of a polymer film facing air (e.g., Tg) are different
from those of the surface in contact with the solid sub�
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Fig. 8. Schematic representation of crystalline polymer lamellas built up via folding of macromolecules: (a) edge�on orientation
of the lamella relative to the substrate and (b) flat�on orientation of the lamella relative to the substrate [69]. Lamella plane x–y
is formed by folds of macromolecules. Planes l–х denote edge faces of the lamella. Straight lines on faces indicate the directions
of с axes of macromolecules.
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strate. This circumstance strongly influences crystalli�
zation of the polymer and, in particular, the tempera�
ture interval of its crystallization.

The three�layer structural model of polymer films
on a solid substrate (Fig. 10) makes it possible, in par�
ticular, to gain an understanding of the orientation
effects existing during crystallization. A high molecu�
lar mobility and a low density of the polymer at the
film/air interface determine a strong tendency toward
orientation of the с axes of macromolecules parallel to
the film surface; that is, conditions appear for the for�
mation of crystallites with the edge�on orientation of
the lamella relative to the free surface of the film [71–
74]. It is important that the above�mentioned high
molecular mobility in the surface layer of the polymer
relative to that of the layer contacting the solid sub�
strate provides a higher rate of nucleation during its
crystallization. After the formation of crystallites with
the edge�on orientation of lamellas, the latter may
propagate in directions both parallel and normal to the
surface. The defects of crystals—such as extended
loops not included in the crystal lattice, cilia, and
screw dislocations—are the direct causes of lamella
branching [75–82]. The existence of these defects in
the nucleated crystallites easily give rise to lamellas

having the flat�on orientation relative to the substrate,
as is schematically shown in Fig. 11 [54].

As was found in [83], when the polymer film is
thicker than 1000 nm, its crystallization occurs via the
edge�on orientation of the lamella relative to the sub�
strate; that is, с axes are arranged parallel to the sub�
strate surface. When the thickness of the film is lesser,
the system demonstrates the flat�on orientation of the
lamella relative to the substrate; that is, с axes are
arranged normally to the substrate surface.

The Monte Carlo simulation of crystallization in
thin polymer films shows [84] that, at high tempera�
tures, crystallization in thin polymer films proceeds
with the edge�on orientation of lamellas relative to the
substrate in the case of an inert (repulsing) substrate
and largely with the flat�on orientation of the lamella
with respect to the substrate if interaction between the
polymer and the substrate is good.

The multilayer structure of the thin polymer film
was experimentally observed in [85] with the use of the
fluorescence technique, in which a thin layer of fluo�
rescent PS is included into an unlabeled PS film. As a
result, the authors managed to measure local Тg values
in various polymer layers remote from the surfaces to
different extents. The glass�transition temperature of
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Tg, 2 = Tg, bulk

Tg, 3 > Tg, bulk
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TmTg, 3Tg,bulkTg, 1

Crystallization interval

Fig. 10. (a) Schematic representation of the three�layer model of a thin polymer film on a solid substrate and (b) schematic rep�
resentation of the temperature dependence of the nucleation rate for the polymer adjoining the solid substrate and having an
increased glass�transition temperature (Tg, 3) relative to that of the bulky polymer and for the polymer occurring in the surface
layer facing air and having a decreased glass�transition temperature (Tg,1). The glass�transition temperature of the bulky polymer
(Tg,bulk) is shown between these temperatures [54].



POLYMER SCIENCE Series A  Vol. 57  No. 5  2015

EFFECT OF SPATIAL RESTRICTIONS AT THE NANOMETER SCALE 523

the fluorescent polymer placed on the surface of the
bulky polymer decreases abruptly with the thickness of
the fluorescently�labeled layer. The glass�transition
temperature of the fluorescent layer depends on its
location in the film. If this layer is covered with unla�
beled PS with a thickness above 18–30 nm, it features
the bulk Tg. At a smaller thickness of the covering layer,
Tg of the fluorescently�labeled PS decreases relative to
that of the bulk. The decrease tends to increase with a
decrease in the thickness of the covering layer. In
accordance with the authors of [85], the given behav�
ior may be described in terms of the two� or three�layer
model.

Hence, the orientation of crystallites in the thin
film of the crystallizable polymer on the substrate is
determined by the mobility of polymer chains as well
as the temperature and interaction between the poly�
mer and the substrate.

Role of Surface Curvature in Polymer Crystallization
on the Interfacial Surface

In the previous section, the crystallization of poly�
mers on a flat surface was discussed. There is another
factor able to affect the molecular mobility and Tg of
the polymer and, hence, its crystallization in thin lay�
ers. Even in the absence of good interaction with the
substrate, the intermolecular mobility of the polymer
may decrease substantially (while Tg increases) if a
particle (polymer phase) occurs in a certain cage (cav�
ity) on the substrate surface [37–39]. This steric effect,
which, in fact, reflects the effect of perfection and cur�
vature of substrate surface, has been studied in depth
[23].

Composites filled with nanofibers or nanotubes are
most suitable for studying the effect of surface curva�
ture on the crystallization of polymers. In these cases,
the polymer layer close to the fiber surface crystallizes
as a rule so that macromolecules are oriented parallel
to (along) the fiber axis by their c axes. This specific
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Fig. 11. Schemes illustrating (left) the edge�on orientation of the lamella relative to the substrate at the first stage of nucleation
during crystallization of the polymer film on the solid substrate and (right) growth of the lamella leading to the appearance of the
flat�on orientation of the lamella relative to the substrate [54].
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Fig. 12. (Left) Optical micrograph imaging the growth of the transcrystallite zone of isotactic PP on the carbon fiber (the black
band at the center of the picture) and (right) schematic representation of nucleation of crystals on the fiber and their growth [86].
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structure is formed because of a high density of nuclei
on the fiber surface, which hampers the development
of spherulites and other complex crystalline forms and
forces crystals to grow in one direction normal to the
fiber axis. This situation is illustrated by Fig. 12 [86].

There are several factors that govern this transcrys�
tallization. First, an important role is played by the
structure of the fiber surface. For example, aramid
fibers and high�modulus carbon fibers can induce the
transcrystallization of isotactic PP, whereas glass fibers
and fibers based on a high�strength carbon fiber have
no effect on its crystallization [87]. It was shown that
high�energy surfaces may enhance the density of
nuclei on the surface and thus may facilitate the for�
mation of transcrystals on the surface [88, 89].

Second, the presence of interfacial stresses or a
temperature gradient at the interface is likewise favor�
able for the development of the transcrystallization
layer [90, 91].

Third, the presence of viscous flow, which fre�
quently accompanies fiber formation, is another
important factor of nucleation and orientation of the
polymer on the fiber surface. Under shear, transcrys�
tallization always occurs, regardless of the type of sur�

face. This situation was best illustrated for crystalliza�
tion of PP in the system PP–fiber that was stretched
along the long axis [92–96]. For example, it was found
[97] that a Kevlar 49�based fiber does not contribute to
the nucleation of PP transcrystals on it (Fig. 13a) and
that crystallization gives rise to spherulites in the mon�
oclinic alpha form. However, the oriented columnar
structures of PP were always observed in the vicinity of
the Kevlar fiber if it was stretched along its axis
(Figs. 13b, 13c), although these structures could be
different, depending on the rate or time of stretching.
This outcome is additionally confirmed by experi�
ments on the selective melting of β crystals of isotactic
PP at 158°C (Fig. 13d).

Moreover, if the fiber occurs in the crystalline state,
it provides another kind of transcrystallization (via the
epitaxy mechanism). For example, there is a corre�
spondence between the crystal lattices of nylon and
isotactic PP with a high�modulus carbon fiber, which
leads to the transcrystallization of nylon and PP on its
surface [98]. When a fiber and a matrix are based on
the same polymer, transcrystallization proceeds owing
to the identical chemical compositions and perfect fit
of the crystal lattices [88, 99–103].

70 μm(a) (b)

(d)(c) 150 μm

150 μm
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Fig. 13. Optical micrograph showing the morphology of the isotactic PP–Kevlar 49 system. The samples were stretched at a rate
of 30 µm/s for (a) 0, (b) 20, and (c) 60 s; (d) the selective melting of isotactic PP at 158°C [97].



POLYMER SCIENCE Series A  Vol. 57  No. 5  2015

EFFECT OF SPATIAL RESTRICTIONS AT THE NANOMETER SCALE 525

As an example, Fig. 14 shows the morphology of
PP crystallized on the surface of a PP fiber [101].

As is clear from the comparison of Figs. 12 and 14,
the amounts of nuclei on the surfaces of PP and car�
bon fiber are different. On the carbon fiber, the growth
of crystals along the fiber is confined by nuclei; there�
fore, the front of transcrystallites propagates deep into
the melt, while on the PP fiber, it is not confined by
anything; simply each lamella gives rise to the onset of
transcrystal growth in the direction normal to the fiber
axis. For composites based on the same polymer as a
matrix and a fiber, a unique behavior may be observed
because of closeness of their melting temperatures.
The surface of the fiber may be partially molten; there�
fore, PP crystallizes in the β form [99–103].

In recent years, nanofibers and nanotubes having
high surface�to�volume ratios have attracted consider�
able attention as nucleating agents [104–109]. Owing
to the high value of this ratio, similar objects initiate
crystallization that is quite different from crystalliza�

tion on the surface of a common fiber and the behav�
iors of polymers during crystallization around nanofi�
bers and nanotubes are quite different. The role of car�
bon nanotubes (CNTs) was examined in detail in
review [109]. CNTs were found to be highly efficient as
nucleating agents for PP [110]. In this case, the tran�
scrystallization of PP occurs on the surface of a CNT
in the flat�on form with the orientation of molecular
chains normal to the long axis of the CNT. Further�
more, the CNT may initiate the crystallization of PP
in a less stable β form [111].

As was shown in a number of studies, CNTs very
efficiently initiate the development of transcrystals in
various polymers and the orientations of transcrystal�
lites may be different, as generalized in [112]. In [113–
115], crystallization of the polymers on CNTs from
solutions was investigated. Under controllable condi�
tions, disklike edge�on oriented lamellar crystals
growing on the surfaces of CNTs may be prepared.

100 μm(a) (b) 300 nm

PP fiber Transcrystalline layer

Fig. 14. (a) Optical micrograph showing the growing layer of PP on the surface of a PP fiber [101] and (b) SEM micrograph of
the transcrystalline layer [99]. The sample was obtained via placing of the PP fiber in a supercooled melt of PP at 137°C followed
by isothermal crystallization over 6 h.

100 nm(a)
100 nm(b)

Fig. 15. Electron micrographs of PE crystalline structures on the surfaces of CNTs [114].
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Figure 15 illustrates such structures grown from PE
solutions [114]. Similar structures were grown on
CNTs from polymer solutions in supercritical CO2

[116–120]. In these structures, lamellar crystals were
regularly arranged along CNTs with the orthogonal
orientation between the surface of the polymer lamella
and the axis of the CNT. The periodicity of lamellar
crystals along the CNT axis is governed by the condi�
tions of crystallization, such as the concentration of
the solution, the temperature of crystallization, and
the type of solvent. The mechanism of CNT�induced
crystallization is apparently the same as that in car�
bon�filled plastics. At the same time, with consider�
ation for the very small sizes of CNTs, it may be
assumed that the nanotube itself plays the role of a
macromolecule, thereby leading to the preferred
stacking of chains along its main axis [113]. Figure 16
demonstrates that the structure of the polymer is sim�
ilar to the shish�kebab structure that appears in
stretched or sheared melts (solutions) [121–123].

The formation of the shish�kebab structure is a
kind of surface�induced epitaxy of the polymer, in

which a picket fence of folded�chain lamellas is
formed around preliminarily stacked long (unfolded)
chains of the central part. This situation was convinc�
ingly demonstrated via modeling of this process [124].

Thus, the geometric features of the solid substrate
on which crystallization of the polymer is performed
have a strong effect both on the process of crystalliza�
tion and the structure and properties of the final prod�
uct. The effect of substrate geometry is especially pro�
nounced at the stage of nucleation of crystallization.

Multilayer Polymer Nanosystems

The features of polymer crystallization on interfa�
cial boundaries have been considered in brief. As was
noted above, under these conditions, crystallization is
in fact confined, although, in this case, geometric
restrictions act in one direction solely. It is evident that
the above�discussed features of polymer crystallization
on interfacial boundaries will manifest themselves
more intensely and distinctly in cases when the layer of
the crystallizable polymer is in contact with the sub�
strate from both sides, for example, in multilayer films.

1 μm(a) 500 nm(b)

Fig. 16. Electron micrographs of ultrahigh�molecular�mass PE having the shish�kebab structure that were taken at various mag�
nifications [121].
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Fig. 17. Schematic representation of the device for coextrusion of melts that allows the force assembly of nanolayer filmed based
on immiscible polymer pairs to be performed. The initial stage of preparing films containing from 2 to 8 layers is shown [125].
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Therefore, the method of the so�called force
assembly of multilayer polymer systems appears to be
very efficient [125, 126]. The process of layer multipli�
cation relies on the viscoelastic origin of polymer
melts during their coextrusion, which leads to a suc�
cessive increase in the amount of layers of immiscible
polymers in the resulting film. Figure 17 schematically
represents the device for such an assembly. A system of
N sequences of dies yields an amount of layers in the
film equal to 2(N+1).

A typical amount of layers is hundreds, and the
total thickness of the multilayer film is on the order of
1 μm. Recent progress in multilayer coextrusion has
made it possible to decrease the thicknesses of layers
by two orders of magnitude, from the microscale to the
nanoscale [127]. Nanolayer films consisting of thou�
sands of continuous layers based on two immiscible
polymers with a thickness of each layer less being than
10 nm were prepared.

Apparently, if even one of the components in this
system is based on a crystallizable polymer, it is very
easy and efficient to study its crystallization in layers
with practically any thicknesses. Note that, as opposed
to the case of films deposited on the solid substrate
considered in previous sections, the multilayer�coex�
trusion procedure makes it possible to prepare and to
investigate superfine layers of a crystallizable polymer
confined by another polymer layer from both sides.

In [126], the crystallization of two polymers—
poly(ethylene oxide) [128] and poly(ε�caprolactone)
(PCL) [129]—in multilayer films based on these poly�
mers and atactic (amorphous) PS was analyzed. Both
systems have much in common in their structures and
in their dependences on layer thicknesses (Fig. 18). At
layer thicknesses above 10 μm, both polymers are
composed of traditional three�dimensional spheru�
lites. At a thickness of 1 μm or less, two�dimensional
spherulites (discoids) are formed. A further decrease
in the thicknesses of layers (down to 100 nm) leads to
crystallization of the polymer in the form of individual

mutually oriented lamellas, while at layer thicknesses
on the order of 10 nm or less, structures similar to the
single�crystal structure are formed.

Along with layer thicknesses, the morphology of
crystals in the nanometer films is strongly influenced
by the crystallization temperature. Because both poly�
mers (PEO and PCL) feature low Tm values (65 and
57°C), the effect of Тcr values of polymers in nano�
sized spatial restrictions on their morphology under
conditions when the confining PS layers remain glassy
may be investigated.

A change in Тcr has a strong effect on crystallization
in both systems. At low values of Тcr, the edge�on ori�
entation of the lamella relative to the substrate is
implemented in both cases. When Тcr increases, there
is the appearance of transition regions where, for PEO
and PCL, the transition of the edge�on orientation of
lamellas relative to the substrate to the flat�on orienta�
tion occurs. The temperature interval of this transition

20 μm
3D spherulites

1 μm
2D spherulites

100 nm
Planar packing

20 nm
Single�crystal packing

Thickness of the PEO/PCL layer

of lamellas of lamellas

Fig. 18. Structural evolution of PEO and PCL crystalline layers with their thicknesses in multilayer films based on the above poly�
mers and PS [126].
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Fig. 19. Plot of Herman’s orientation function [126] vs.
crystallization temperature of PEO.
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is narrow (Fig. 19). Figure 19 shows the dependence of
the orientation function [126] derived from the azi�
muthal distribution of intensity of WAXS scattering for
the reflection of PEO (120) on the crystallization tem�
perature. It is well seen that the transition from one
type of orientation of PEO crystals to the other occurs
in the temperature interval ~5°C and occurs through
the stage of absence of any orientation.

A similar change in the orientation of lamellas with
an increase in Тcr supposes a strong effect of crystalli�
zation kinetics on the orientation of crystals in nano�
layers. The confining PS layers, in accordance with
[126], play a crucial role in nucleation. PS is an amor�
phous polymer; therefore, the epitaxial crystallization
of PEO and PCL on the surface of PS is excluded.
However, it was proposed that there is a preferred ori�
entation of PEO and PCL macromolecules on the sur�
face of PS; as a consequence, homogeneous nucle�
ation is facilitated. During homogeneous nucleation
in the bulk, Тcr of PEO is in the range from –10 to 0°C.
In contrast, nanolayers of PEO crystals with the edge�
on orientation of lamellas were obtained at much
higher temperatures (up to 20°C). A further increase
in Тcr levels off the role of surface nucleation, and the
crystals grow on heterogeneous nuclei. Because the
amount of heterogeneous nuclei in nanolayers is
small, the growth of lamellas occurs in the plane of the
layer; as a result, their flat�on orientation develops.

Atomic�force microscopy clearly demonstrates
these two types of orientation in multilayer PEO–PS
films in PEO 75�nm�thick layers crystallized at two
different temperatures (Fig. 20) [126].

In addition, geometric restrictions exert a consid�
erable effect on the kinetics of crystallization of the
polymer. During the crystallization of PEO and PCL
in 25� to 50�nm�thick layers, the rate constants of
crystallization (in the Avrami equation) decrease by an
order of magnitude relative to the corresponding value
for the bulky material [129, 130]. In this case, crystal�

lization occurred via the heterogeneous nucleation
even in layers with thicknesses of 25 nm. Avrami expo�
nent n, describing the geometry of crystal growth in
layers with thicknesses of 25–50 nm, is 2.0 for both
polymers. This fact is evidence for the two�dimen�
sional growth of crystals in these systems (as opposed
to in the bulk, where the growth of crystals is three�
dimensional).

In summary of the foregoing, it may be inferred
that the force�assembly method of multilayer polymer
systems is an efficient tool for studying various proper�
ties of polymers and their crystallization, in particular
in layers of practically any sizes. The effect of various
factors on phase transitions in polymers was revealed
by this method; for details, see the publications of
E. Baer et al. [126, 131].

Crystallization of Polymers in Interplanar Cavities
of Layered Nanosilicates

In the previous section, the method of creating
multilayer polymer composites with layers of various
thicknesses down to nanosizes was considered. There
is at least one more possibility to implement and study
crystallization of polymers in nanometer layers. The
case in point is layered nanosilicates that contain
nanometer�scale interplanar cavities. This circum�
stance is responsible for the wide use of layered sili�
cates for the manufacture of a wide variety of organic–
inorganic nanocomposites. Filling (intercalation) of
interplanar cavities of silicates with various polymers
provides a real opportunity to produce a great diversity
of new materials [132, 133].

Nanocomposites based on layered silicates are
characterized by higher Young’s moduli [134–137],
reduced temperature coefficients of thermal expan�
sion [134, 135], decreased gas permeabilities [134–
137], enhanced swelling resistances [138], ionic con�
ductivities [139–141], etc. In this context, it is no

Tкр = 53°C Tcr = 18°C
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Fig. 20. AFM images of the cross section of the PEO/PS multilayer film with a PEO layer with a thickness of 75 nm: (a) PEO was
molten at 90°C and crystallized at 53°C (lamellas oriented parallel to the layer), and (b) PEO was molten at 90°C and crystallized
at 18°C (lamellas oriented perpendicularly to the layer) [126].
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wonder that the preparation of organic–inorganic sys�
tems based on nanolayered silicates evolved long ago
to form a separate area of physical chemistry of poly�
mer materials science, and important surveys con�
cerning this issue are available in the literature [132,
133].

Mixing of layered inorganic materials with a poly�
mer may give rise to three different structures, depend�
ing on the specific interactions between components
[142,143]: (i) phase separation, when components are
immiscible, (ii) intercalation, when polymer chains
appear in the interlayer space with a thickness of 0.8–
2.5 nm, and (iii) exfoliation, when the interaction
between chains and surfaces is so strong that the lay�
ered structure of the inorganic material is destroyed
and dispersed into platelets (silicate layers).

It is necessary, even if in brief, to touch upon the
issue of crystallization of polymers in the nanosized
interlayer space of silicates. Above all, it is important
to establish the fact of penetration of polymer mole�
cules into such narrow pores. Here it should be
emphasized that in many cases, for example for PS
[144–146], PEO [139], and PDMS [138], intercala�
tion occurs via melting at abnormally high rates (over
time on the order of 5 min). In this case, polymer
chains having diameters of the statistical coil of about
10 nm rapidly and very efficiently diffuse into slits
1 nm in size.

The above data correlate with the results reported
in [147, 148], in which a more intense molecular
mobility of the polymer in nanometer layers of the lay�
ered silicate was revealed. It was shown that, when
polymer molecules are intercalated between two solid

surfaces separated by 1.5–2.0 nm, their segmental
mobilities are higher than those in the bulk [147, 148].
This dynamics of the polymer confined within the lay�
ered nanosilicate is similar to the relaxation behavior
of small molecules confined within nanopores, for
which the Tg values decrease with a decrease in the
pore size [149–153].

In [154], PEO was intercalated in various amounts
in montmorillonite and then its crystallization in such
confined volumes was studied. It was shown that, at
the initial stages of filling of nanopores, PEO does not
crystallize in the layered silicate (Fig. 21). When the
amount of PEO is increased (above 60%), its intense
crystallization begins and the degree of crystallinity
tends to grow with an increase in the amount of the
polymer in the system. It is supposed that the penetra�
tion of PEO into such narrow pores fully suppresses its
crystallization. However, after filling the interplanar
cavities, the polymer localizes in the remaining unoc�
cupied space of the nanosilicate, where its crystalliza�
tion is not hampered and its degree of crystallinity
increases abruptly (in a jumplike manner) (Fig. 21)
[154].

In conclusion of this section, note that the mecha�
nism of phase transitions of polymers in the interlayer
spaces of nanosilicates is still vague and studies in this
direction persist.

Nanoporous Cylindrical Templates

The publications considered above address the pro�
cesses of crystallization of polymers in nanosized
spaces having the geometries of flat layers. At the same
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Fig. 21. Degree of crystallinity of PEO vs. its content in montmorillonite according to (1) X�ray diffraction, (2) DSC, and (3)
Raman spectroscopy [154].
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time, studies dealing with the phase transitions of
polymers in templates with the geometry of rectilinear
nanocylinders arranged in parallel to each other in
rigid matrixes have been developed vigorously in
recent years.

There are two types of rigid templates with uni�
formly sized cylindrical pores on the nanometer scale:
nuclear filters (track membranes) and aluminum
oxide plates. Track membranes [155, 156] are obtained
via irradiation of polymer films with heavy�metal ions
followed by chemical etching of the resulting tracks.

As a result of this treatment, polymer layers (films)
penetrated by cylindrical channels arranged in parallel
appear, with their amount and diameters being varied
in a wide range (Fig. 22).

The second type of membrane is formed by rigid
templates based on nanoporous aluminum�oxide
plates that are prepared via the electrochemical anod�
ization of aluminum templates. This method has been
known for a long time and has been highlighted in
length in the literature [157, 158].

Figure 23 shows micrographs of several templates
with various diameters of cylindrical channels [159]. It
is important that their preparation technique makes it
possible to obtain both randomly arranged and regu�
larly arranged (with hexagonal packing) cylindrical
channels in AOPs [156, 157, 160]. As is seen, regular�
ity in the arrangement of channels may be attained for
practically any diameter of channels in AOPs.

In [161–163], AOPs were used for the first time to
ascertain the effect of nanometer�scale spatial restric�
tions on the crystallization of polymers. For this pur�
pose, the polymer was either synthesized within the
template membrane or introduced in pores from poly�
mer melts and solutions via wetting [164, 165]. The
ambient pressure may likewise be the driving forces of
polymer introduction in nanopores [166]. Nanopo�
rous aluminum templates filled with the polymer melt
(solution) dissolve readily, for example in alkalis; as a

1 μm

Fig. 22. Typical structure of a polymer track membrane
[155].

500 nm(a)

250 nm 250 nm(b) (c)

Fig. 23. SEM micrographs of templates based on aluminum oxide plates with diameters of cylindrical channels of (a, b) 35 and
(c) 65 nm; (a) side view, and (b, c) outer�surface view [159].
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result, the polymer may be prepared in the form of
nanorods (nanowires) or nanotubes (Fig. 24).

Figure 24 shows the products that allow the prop�
erties of polymer in the nanostate to be investigated.
The properties of such nanoobjects were the subject of
many studies and, at present, vast information has
been accumulated and generalized in reviews [157,
158].

For example, nanorods derived from syndiotactic
PS do not manifest molecular orientation in the mol�
ten state in cylindrical pores of the aluminum matrix
[167]. When the amorphous syndiotactic PS is heated
in the solid state from room temperature, it crystallizes
in nanorods and, as in the bulk, forms the α form of
crystals with the same degrees of crystallinity and
without any preferred orientation. In contrast, when
the syndiotactic PS crystallizes from the melt directly
in nanopores, it forms the β form with the с axis ori�

ented normally to the nanorod axis. The crystallinity
of the polymer in such nanorods is much lower than
that in the bulk; the smaller the sizes of pores, the
lower the crystallinity. This behavior may be explained
by a change in the rate of nucleation, which is high
when crystallization occurs during heating from room
temperature and low when crystallization occurs dur�
ing melt cooling.

In [168], AOPs were used to gain insight into the
effect of spatial restrictions on the crystallization of
linear PE. Figure 25 demonstrates the effect of nanop�
ore sizes on melting temperature Tm and the degree of
crystallinity of the polymer. It is well seen that the sizes
of the PE phase drastically affect both the melting
temperature of the polymer (Fig. 25a) and its degree of
crystallinity (Fig. 25b).

The thermal characteristics of PEO in the form of
nanotubes with a wall thickness of ~100 nm were stud�

1 μm(a) 400 nm(b)

Fig. 24. SEM micrographs of (a) nanorods derived from syndiotactic PS [167] and (b) PVDF nanotubes [168] prepared via filling
of the aluminum porous matrix with (a) syndiotactic PS melt and (b) a PVF solution in DMF followed by dissolution of the matrix
based on aluminum oxide plates.
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Fig. 25. (a) Melting temperature of linear PE and (b) its degree of crystallinity vs. the diameters of pores in the aluminum template
in which crystallization and melting occur [169].
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ied in [169]. The nanotubes were prepared via soaking
of aluminum templates having 400�nm�dia cylindrical
pores with a PEO solution or melt. Soaking conditions
were selected so that a pores was filled partially and a
cylindrical void appeared in its center (Fig. 26). The
as�prepared samples were investigated via DSC, and it
was found that nanometer�scale spatial restrictions
have the strongest effect on crystallization of the poly�
mer. Figure 27 compares the DSC curves measured for
crystallization and melting of the bulky PEO and PEO
in the form of nanotubes with a wall thickness of
~100 nm. As is seen, the crystallization temperature of
PEO decreases by ~50°C.

A similar behavior was observed during crystalliza�
tion of nanotubes based on PVDF [170], syndiotactic
PS [70, 167], PE [168], some block copolymers, etc,
[158, 171].

In the most general terms, it may be stated that,
during nanometer�scale spatial restrictions, crystallin�
ity of the polymers decreases, the level of supercooling
(the difference between equilibrium temperatures of
melting and crystallization) increases, and the melting
temperature declines with a decrease in the diameters
of pores [168, 171].

The ratio between the rate of crystallization and the
level of supercooling, ΔТ, or crystallization tempera�
ture Тcr is usually used to discuss the mechanism of
crystallization. In large pores (D > 50 nm), crystalliza�

tion occurs at small ΔТ and its rate noticeably depends
on Тcr. In smaller pores (D < 50 nm), in contrast, crys�
tallization occurs in a wider temperature interval ΔТ
and manifests a weaker dependence of the rate of crys�
tallization on Тcr [171]. In accordance with the classi�
cal nucleation theory, a strong temperature depen�
dence of the rate of crystallization in large pores pro�
vides clear evidence that crystallization via
heterogeneous nucleation occurs.

An inspection of the above data makes it possible to
conclude that, during the crystallization of polymers
in the confined volume, the nucleation process pre�
vails over the process of growth, and this situation
strongly influences the structure and properties of the
final product. It is evident that spatial restrictions pri�
marily affect the process of polymer nucleation
because the critical size of crystallization nucleus is
usually several nanometers.

The crystallization of low�molecular�mass and
high�molecular�mass compounds in the bulk almost
always occurs via the heterogeneous mechanism. Het�
erogeneous nucleation is associated with the presence
of any kind of random admixtures, particles of dust,
etc. in the polymer melt. However, in principle, crys�
tallization may be implemented via the homogenous
mechanism. This possibility is easily implemented
exactly in the case when crystallization is performed
under conditions of spatial restrictions.

If the crystallizable polymer is divided into finer
and finer independent fragments (domains), then
inevitably the time will come when all heterogeneous
nuclei occurring in it will not be present in all isolated
domains into which the initial monolith was divided.
As a result of dispersion, the initial crystallizable poly�
mer turns out to crumbled into domains containing
heterogeneous nuclei and lacking these nuclei
(Fig. 28) [172].

Homogeneous nucleation in the lengthy polymer
bulk occurs during density fluctuations; as a conse�
quence, the preferred direction of crystallite growth is
absent and, in narrow pores, the wall of a pore itself
serves as a heterogeneous nucleus (Fig. 29) [173]. It is
well seen that crystallization of the polymer in narrow
pores is accompanied by the orientation of crystallites
with respect to the pore axis. In the next section, the
orientation effects accompanying crystallization of
polymers will be considered in more detail. Note that
nucleation observed in narrow pores looks heteroge�
neous, although, in this case, the level of supercooling
is much higher than that usually observed in heteroge�
neous nucleation. At the same time, during heteroge�
neous nucleation, the level of supercooling is usually
much smaller than that in homogeneous nucleation. A
high level of supercooling during crystallization of the
polymer in narrow pores is usually explained by the
fact that, in addition to well�known and certain kinds
of nucleation (heterogeneous and homogeneous),
another kind of nucleation is observed in confined vol�

Al Al

PEO nanotube

400 nm

Fig. 26. Schematic image of the PEO nanotube in the alu�
minum cylindrical matrix [170].
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umes. This nucleation is referred to as surface nucle�
ation. In fact, this is heterogeneous nucleation, but it
occurs not on alien inclusions in a polymer melt (solu�
tion) but on the walls of nanopores and crystallization
occurs at higher temperatures than homogeneous
nucleation does. When the volume�to�diameter ratio
of the polymer is small, this type of nucleation
becomes very substantial.

The effect of the size (diameter) of the PVDF nan�
orod prepared in the AOP�based template on the ther�
mal behavior of PVDF was studied [174]. The DSC
data confirm that homogeneous nucleation insignifi�
cantly contributes to crystallization of the ensemble of

individual PVDF tubes with diameters of 400 nm,
whereas nucleation solely occurs if the diameters
decrease to 35 nm (Fig. 30). It is well seen that a high
level of supercooling during crystallization, which is
typical for homogeneous nucleation, is observed dur�
ing crystallization of PVDF for 35�nm�dia samples
solely. At the same time, crystallization of the samples
with diameters of 400 nm occurs practically in the
same manner as that in the bulky polymer.

In [171], the kinetics of crystallization of linear PE
inside AOPs was studied and it was inferred that,
within pores with diameters less than 50 nm, the het�
erogeneous nucleation on the walls of pores domi�
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Fig. 27. DSC thermograms of (1) melting and (2) crystallization of PEO (a) in the bulky state and (b) in the nanotube with a wall
thickness of ~100 nm [170].

(a) (b)

Fig. 28. Scheme illustrating division of the crystallizable polymer into individual domains (black circles) of nanometer sizes. (a)
The sizes of domains are high, so that each of them contains at least one heterogeneous nucleus of crystallization (crystallization
occurs via the mechanism of heterogeneous nucleation); (b) the amount of individual isolated domains doubled, and now a part
of the domains lacks heterogeneous nuclei (crystallization occurs via the heterogeneous mechanism in domains containing nuclei
and via the homogenous mechanism in domains free of nuclei) [172].
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nates, whereas at pore diameters of 62 and 110 nm,
crystallization is mostly initiated by the homogeneous
formation of nuclei. Exponent n in the Avrami equa�
tion, which depends on the geometry of crystal growth
and the mechanism of nucleation, is smaller in value
in the case of PE crystallization in nanopores than that
in the bulk. This fact indicates that the growth of crys�
tals in pores is hampered and that nucleation occur�
ring at higher levels of supercooling dominates.

Now let us briefly touch upon the issue of orienta�
tion of crystals in the confined volume of rigid tem�
plates. As a rule, the c axes of chains directed normally
to the plane of lamellas (Fig. 9) are aligned perpendic�
ularly to the axes of pores of rigid templates, as deter�
mined by the growth of crystals along the pore axes.
Although the studies devoted to this problem are
scarce [167, 168, 170, 171, 174], it is clear that crystal�
lization in narrow pores of rigid templates may depend
on the presence or absence of the reservoir of the bulky
polymer in contact with the polymer within the pore
(Fig. 31).

The authors of [70, 175–176] inferred that crystal�
lization in nanorods prepared via soaking with a poly�

mer (syndiotactic PS) melt is controlled by three types
of nucleation and subsequent growth. The first type
consists of the same heterogeneous nuclei as in the
bulk, but their amount is very small, as evidenced by a
small amount of spherulites and their large sizes. The
second type of nuclei appears on the walls of nanop�
ores. When the melt enters into the nanopore under
the action of capillary forces, the polymer chains
extend. The resulting longitudinal flow stimulates the
spatial orientation of chains along the nanopore axis
[176, 177]. Thus, the extended chain segments facili�
tates the formation of nuclei with c axes parallel to the
walls of nanopores [176]. Nuclei may then develop
into crystallites with a parallel or close�to�parallel ori�
entation of the c axes.

The third type of nucleus is formed in the bulk,
which plays the key role in the orientation of crystal�
lites in the nanopore. In the above experiments, the
nanorod was linked with the bulk of the same thermal
prehistory. This situation presumes that crystallites
formed in the bulk may grow into the nanopore and
may serve as nuclei for polymer crystallization [174,
176].

Crazing of Polymers in Liquid Media

Let us briefly consider another type of two�dimen�
sional spatial restrictions under which the crystalliza�
tion of polymers may be implemented. The case in
point is one of the fundamental properties of glassy
and crystalline polymers: their crazing ability.
Remember that, in fact, crazing of a polymer is its dis�
persion into aggregates of oriented chains having
diameters of several nanometers [178–180] (Fig. 32).

The structure shown in Fig. 32 spontaneously
appears during stretching of polymers in active liquid
media. It is important that the diameters of intercon�
nected pores in this structure are tens of nanometers.
The possibility of development of the given structure is
associated, in particular, with its continuous filling
with the surrounding liquid. In other words, crazing is
not only a method for the development of a unique
fibrillar–porous structure but also a method for deliv�
ering any component of another chemical type into it
[180].

The introduction of crystallizable low�molecular�
mass compounds into the nanoporous structure of
crazes was studied in detail. It was shown that the crys�
tallization of these compounds is accompanied by a
well�defined orientation in asymmetric nanosized
pores of crazes (Fig. 33).

Regardless of the chemical structure of the polymer
and the type of introduced crystallizable low�molecu�
lar�mass compound, in all cases, it crystallizes to give
rise to highly ordered textures. Figures 33a and 33b
illustrate this phenomenon for PET containing low�
molecular�mass compounds of various types [181]. It
is clear that, in all cases, highly ordered textures are

d > 50 nm d < 50 nm

Fig. 29. Schematic representation of nucleation and crys�
tallization of the polymer in wide (above 50 nm) and nar�
row (below 50 nm) pores [173].
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Fig. 30. DSC thermograms of PVDF: broken curves refer to heating, and solid curves refer to cooling: (a) the nanorod with a
diameter of 35 nm, (b) the nanotube with a diameter of 400 nm, and (c) bulky PVDF [174].

Nanorod C axis of crystallite
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b

а

AOP

Bulk

AOP

Fig. 31. Schematic representation of the development of isotactic PS crystallites in the nanopores of template based on oxide alu�
minum plates. Three types of nuclei contribute to the crystallization of the polymer in nanopores: (a) the random heterogeneous
nucleus contained in the initial polymer, (b) the nucleus arising on the inner surface of the nanopore, and (c) the nucleus that has
a structural relation (preserves the orientation of crystallites in the spherulite) to the crystalline structure of the bulky polymer and
is inherited by the crystallizable polymer in the nanopore [175].

formed and their X�ray diffraction patterns are similar
to X�ray diffraction patterns of single crystals.

The considered phenomenon is of a general pattern
and is observed when crazed crystallizable polymers

(PET, PC) and amorphous polymers (atactic PMMA)
are used as matrixes [182, 183]. All described features
are preserved after the introduction of both ionic and
molecular crystals into crazed polymer matrixes.



536

POLYMER SCIENCE Series A  Vol. 57  No. 5  2015

VOLYNSKII et al.

It is important that, in recent years, successful
attempts have been made to introduce high�molecu�
lar�mass compounds into nanoporous structures of
crazes. The methods of this introduction were
described in detail in [184–186], and, here, we would
like to cite the initial data on the structural studies of
such polymer–polymer composites.

In [187], the second crystallizable polymer (PEO
with M = 2 × 104) was introduced into crazed polymer
matrixes (PP). This procedure was performed directly
during the crazing of PP in the course of its stretching
in PEO solutions. The content of the introduced PEO
after solvent removal was 45 wt %. The resulting com�
posites were investigated via FTIR spectroscopy and
X�ray diffraction. It was found that poly(ethylene
oxide) introduced into the PP crazes crystallizes in the
same manner as low�molecular�mass compounds
introduced into crazes. Note that, like low�molecular�
mass compounds, PEO crystallizes in PP pores to give

rise to crystallites oriented in a certain manner. In
Fig. 34, X�ray diffraction data are compared with the
scheme of arrangement of PEO crystallites in the
crazed matrix of PP.

As follows from Fig. 34, PEO crystallites are ori�
ented normally to the axes of pores in the crazes of PP,
that is, demonstrate the edge�on orientation lamella
with respect to the substrate (in this case, to the surface
of fibrills). This arrangement of crystallites with
respect to the confined surface was observed at certain
temperatures of PEO crystallization, for example, in
nanolayers, block copolymers, and nanotubes [169,
188, 189].

Crystallization of Polymers in Microemulsions
and Nanoemulsions

Let us consider the data about the specific features
of polymer crystallization in microemulsions,
nanoemulsions, and dispersions. Under these condi�
tions, the growth of crystals is confined in all direc�
tions; hence, the effect of nanometer�scale spatial
restrictions on the crystallization of polymers mani�
fests itself most vividly.

At present, there are several techniques that make
it possible to obtain the community of droplets
(domains) having micron or nanometer sizes. Specifi�
cally, in [190], a blend of polymers (PEO and block
copolymer of PEO with ethylene–butylene copoly�
mer) was prepared from a common solvent. After mix�
ing, a microemulsion was formed. It was treated with
ultrasound, and the solvent was removed. The result�
ing emulsions contained nanoparticles of the crystalli�
zable component (PEO) with sizes of 80–120 nm.

Generally, the method of phase separation in poly�
mer blends is very popular and has found wide use for
obtaining nanoemulsions (nanodispersions) in order
to gain insight into the effect of spatial restrictions on
the crystallization of polymers. In such a manner,
composites containing nanosized domains of practi�
cally any crystallizable polymer were prepared. Pub�
lished data are available about the crystallization of
such polymers as isotactic PS [191–196], isotactic and
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Fig. 32. Schematic representation of the craze structure
[179].

(a) (b) (c)

Fig. 33. X�ray patterns of (a, b) crazed PET samples containing (a) KI and (b) n�octadecane and (c) the crazed PC sample con�
taining pentadecanoic acid. The axis of polymer stretching is vertical [181].
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syndiotactic PPs [197–199], PC [200, 201], PVDF
[202], PET [203], poly(L�lactide) [204], and PMMA
[205] during nanometer�scale spatial restrictions.

Methods of preparing nanodroplet dispersions
based on PEO and PE were developed [172, 206–
211]. To prepare dispersions, thin polymer films were
deposited on a substrate and then annealed. Because
of the decrease in the wetting ability (dewetting), small

droplets appeared on the substrate in which crystalli�
zation was performed.

There is another possibility to form nanosized
droplets of crystallizable polymers. Ultrathin fibers
prepared via electrospinning are often used for this
purpose. The diameters of fibers prepared via tradi�
tional spinning from polymer melts and solutions are
up to several tens of microns and are primarily deter�
mined by the needs of the textile industry. In recent
years, the interest in fiber formation via electrospin�
ning has increased considerably because this method
makes it possible to manufacture polymer fibers with
diameters from several microns to several tens of
nanometers [212–219].

Electrospinning differs substantially from the tradi�
tional method of producing polymer fibers because
electrospinning relies on the use of electrostatic forces
rather than mechanical stresses [220–222]. The fact
that polymer fibers of such small diameters can be
obtained is important because this phenomenon pro�
vides another approach to the study of the effect of
nanosized droplet systems on the crystallization of
polymers in them.

Finally, the method of preparing nanosized spheri�
cal particles (droplets) through the force assembly of
polymer systems should be mentioned (see the chapter
Crystallization of Polymers under Conditions of
Nanometer�Scale Spatial Restrictions, under the sec�
tion Multilayer Polymer Nanosystems). With the use
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Fig. 34. Orientation of PEO in polypropylene�based nano�
composites prepared via the crazing technique. The axis of
stretching is vertical [187].
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of this method, multilayer polymer systems with layers
of almost any thickness (down to several nanometers)
may be prepared. If the layers are built of immiscible
polymers and one of them is crystallizable, annealing
of this system leads to stratification accompanied by
formation of a community of nanosized droplets.

Note that the mean sizes of spherical particles
(droplets) in systems formed after annealing may be
tailored through variation in the thicknesses of layers
of the crystallizable component in the multilayer film
(Fig. 35) [223]. Thus, there are several ways to create
populations of nanosized droplets of crystallizable
polymers. This circumstance opens a real chance to
estimate the effect of geometric three�dimensional
restrictions on the specific features of crystallization.
The methods of obtaining polymer nanoemulsions
(nanodispersions) were surveyed in length in [224].

Let us examine the most characteristic features of
polymer crystallization in microemulsions and
nanoemulsions. As is seen from Fig. 36, nanosized
restrictions of the polymer in a miniemulsion exert the
strongest effect on its crystallization [225–226]. For
example, for PEO, the crystallization temperature
decreases by 42.8°C relative to its value for the bulky
polymer; as a result, its nanometer droplets turn out to
be still liquid at room temperature.

Such a pronounced change in the behavior of the
polymer during its crystallization under spatial con�
fined conditions is of a general character. As was
shown a long time ago [227–236], in small droplets,
all substances crystallize at much lower temperatures
than those in the bulk.

As was noted above, there are at least two types of
nucleation during crystallization: homogeneous and
heterogeneous. Crystallization usually proceeds dur�
ing heterogeneous nucleation at small levels of super�

cooling. However, at huge levels of supercooling,
homogeneous nucleation may be implemented, as was
first shown in the study of crystallization in droplets
[233, 234]. Crystallization under confined conditions
shifts nucleation from heterogeneous to homoge�
neous. This is related to the fact that several active
nuclei controlling crystallization in the bulk are now
distributed in several droplets, while other droplets
remain without any nuclei [228, 237]. As a result of
this distribution of nuclei, the majority of the polymer
crystallizes in droplets (microdomains) free of hetero�
geneous nuclei via the homogeneous mechanism.
That is why such a strong depression of the crystalliza�
tion temperature of the polymer in nanosized domains
relative to that in the bulky polymer is observed.

This sharp transition from heterogeneous nucle�
ation to homogeneous nucleation is a rare phenome�
non. It occurs when the amount of microdomains
(nanosized droplets or nanoparticles) in the dispersed
polymer is immeasurably higher than the amount of
heterogeneous nuclei present in the initial bulky poly�
mer. Exactly this situation is shown in Fig. 28. As was
mentioned above, the formation of nanosized
domains easily occurs during phase separation of poly�
mer blends when the amount of the dispersed phase is
small [238]. Let us consider the thermodynamic
behavior of such a system based on amorphous PS and
a crystallizable component, isotactic PP [239].
Figure 37 presents the DSC thermograms of individ�
ual components (PS and isotactic PP) and their blend
containing 20% of the crystallizable component (iso�
tactic PP)

It is well seen that the thermogram of the polymer
blend contains several crystallization peaks, but one of
them (designated peak А) corresponds to crystalliza�
tion of the bulky isotactic PP. The causes of the
observed phenomenon are the specific features of
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Fig. 36. DSC thermograms of PEO with М = 4 × 104 in (1, 1 ') the bulky state and (2, 2 ') the microemulsion with a mean diameter
of particles of 100 nm [190, 225, 226]: (1, 2) heating and (1 ', 2 ') cooling.



POLYMER SCIENCE Series A  Vol. 57  No. 5  2015

EFFECT OF SPATIAL RESTRICTIONS AT THE NANOMETER SCALE 539

crystallization of the polymer dispersed in micro�
domains. When PS is mixed with isotactic PP, the lat�
ter forms droplets with sizes of ~1 μm. The amount of
these droplets (1011 L/cm3) is much higher than the
amount of nuclei in the bulk (9 × 106 L/cm3), as evi�
denced by light microscopy [239]. Heterogeneities
present in PP feature different efficiencies and are
activated at different supercooling levels. In the bulk,
only the most active heterogeneities are activated at
small levels of supercooling and yield a single peak in
Fig. 37. Less active heterogeneities cannot be activated
under these conditions. As a consequence, DSC ther�
mograms show several crystallization peaks, each of
which corresponds to crystallization of the polymer on
nuclei of various activities. It is evident that the most
inactive nuclei that “trigger” at the highest levels of
supercooling are responsible for the homogeneous
mechanism of nucleation. As is seen in Fig. 37, crys�
tallization peak А takes the same position as in the bulk
and, hence, it may be attributed to crystallization in
microdomains that contain the most active heteroge�
neities. Peaks B and C correspond to crystallization in
droplets containing less active nuclei that are activated
at high levels of supercooling. Finally, peak D corre�
sponds to crystallization in pure microdomains that
are free of heterogeneous nuclei and, therefore, crys�
tallize at the highest degrees of supercooling. Because
exotherm D is still above the glass�transition tempera�
ture of PP, it is unlikely that this crystallization is really
homogeneous; most likely, this is the crystallization of
droplets in which surface nucleation occurs.

The multiplicity of crystallization peaks is related
to the deficiency of active nuclei in every micro�
domain present in the blend. If heterogeneous nuclei
are introduced into microdomains, then the multi�
plicity of peaks should disappear. The phenomenon of
peak multiplicity during crystallization of the polymer
under confined spatial conditions was referred to frac�
tional crystallization. This term was coined in [240] to
describe multiple crystallization exotherms observed
in the DSC study of polymer blends, when the ensem�
ble of microdroplets (microdomains) is cooled from
melt, as opposed to a single crystallization peak
observed in the bulk.

For fractioned crystallization to occur, the amount
of droplets (microdomains) should be at least on the
same order of magnitude as the amount of active het�
erogeneous nuclei in the bulky polymer. During mix�
ing of the crystallizable polymer with the immiscible
noncrystallizable matrix, droplets free of nuclei and
droplets containing nuclei appear. The presence of
several crystallization exotherms is explained by the
fact that droplets including nuclei of different activi�
ties and droplets free of them crystallize (are activated)
at different degrees of supercooling.

The appearance of fractional crystallization was
very vividly demonstrated in [241], where the popula�
tion of nanodroplets was created via annealing of
blend fibers based on PEO and PS prepared via coaxial
electrospinning [242] and having the core–shell struc�
ture (Fig. 38). After annealing at a temperature above
150°C, the fiber is dispersed into a system of aggre�
gates containing nanosized inclusions of the crystalli�
zable component (PEO).

DSC measurements give insight into crystallization
processes of blend fibers annealed at different temper�
atures. As follows from Fig. 39, when the blend fiber is
annealed at a temperature below the glass�transition
temperature of PS (85 and 95°C), the main crystalli�
zation peak is observed at 40°C, while a small peaks is
seen at –20°C. As was proposed in [206, 243], high�
temperature and low�temperature processes are
induced by heterogeneous nucleation and homoge�
neous nucleation, respectively. When annealing is per�
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Fig. 37. DSC thermograms of isotactic PP, PS, and their
blend with a component ratio of 80 : 20. A is the peak of
crystallization of bulky isotactic PP [239].
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Fig. 38. Schematic representation of the formation of PEO
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formed in the region of the glass�transition tempera�
ture of PS (e.g., at 105 and 115°C), the intensity of the
low�temperature peak increases slightly, while the
main heterogeneous peak remains almost the same.
After a further increase in the annealing temperature
(125–135°C), the main heterogeneous peak at 40°C
begins to decrease gradually (its surface area is
decreased), while the homogenous peak remains the
same. A blurred broad peak between 40 and –20°C
may be attributed to heterogeneous nucleation under
confined crystallization [241]. When the blend was
annealed at 150°C, many weak crystallization peaks
appeared at –20, –2.5, and 12°C along with a hetero�
geneous peak at 40°C. This behavior is typical for frac�
tional crystallization [241].

Block Copolymers

Block copolymers are unique multiphase systems
in which immiscible components have as a rule the
structure of regular superlattices. Depending on syn�
thesis conditions, the morphology of block copoly�
mers may be different (spheres, cylinders, lamellas,
or more complex structures with double�phase con�
tinuity).

From the viewpoint of the subject matter of this
review, two circumstances should be taken into
account. First, the sizes of phase domains in block
copolymers are a few nanometers, and, second, at
least one of the blocks may be crystallizable. These cir�
cumstances make it possible to use block copolymers

to study the effect of spatial restrictions on crystalliza�
tion of a polymer if its molecular mobility is confined
by chemical bonds with other immiscible components
of the system.

Let us consider the crystallization of blocks of the
crystallizable polymer PEO in the block copolymer
PEO–PB [245]. In this case, the crystallizable PEO
occurs in the environment of the rubberlike amor�
phous polymer PB, for which the glass�transition tem�
perature is approximately –70°C. Two types of block

copolymers were investigated, namely, B81EO  and

B89EO , where the lower index corresponds to the
composition of the block copolymer and the upper
index corresponds to molecular mass of the PEO
block.

Block copolymer B89EO  had the morphology of
spherical domains that were chaotically dispersed in

the PB matrix, and B81EO  had the mixed morphol�
ogy of short cylinders and spheres with the spheres
prevailing. In accordance with the structural data, the

sizes of domains in B81EO  were larger than those in

B89EO . In both cases, the sizes of spheres were con�
sistent with the sizes of spheres typical for other sys�
tems [246–249].

Figure 40 presents DSC thermograms measured
for crystallization of both block copolymers. Note
that, as for other above�considered systems, fractional
crystallization (crystallization occurs via several steps
with well�resolved DSC peaks) is typical for block
copolymers. This is expected because, for example, in

the case of B89EO  the amount of microdomains
(transmission�microscopy data) is 1016 cm–3, whereas
the amount of highly active heterogeneities (nuclei) in
PEO is 106 cm–3. Hence, in the volume of the block
copolymer, nucleation and, hence, crystallization of
PEO blocks may occur at various degrees of super�
cooling.

In the case of B81EO  having the mixed morphol�
ogy consisting of spheres and cylinders, the PEO
phase contains a small amount of microdomains free
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of heterogeneous nuclei; as a consequence, the small
exotherm denoted А had the same crystallization peak
as the individual PEO. Second peak В emerges during
crystallization from the melt owing to crystallization
of a group of microdomains containing less active het�
erogeneities.

Finally, peak С seen at the highest levels of super�
cooling may be related to the crystallization of micro�
domains free of heterogeneities. For both block copol�
ymers, pure crystallization in heterogeneity�free
domains dominates at high supercooling levels
(⎯25°C). However, as was shown in [250, 251], PEO
in the individual (homogeneous) state yields super�
cooling on the order of –45°C; therefore, it is assumed
that supercooling of –25°C is related to the so�called
surface crystallization or crystallization at the bound�
ary with the PB block [245, 250, 251]. As was men�
tioned above, the interfacial surface frequently fea�
tures a high nucleation activity that becomes espe�
cially pronounced for systems with large specific
surfaces.

It should be emphasized that the literature devoted
to structuring in block copolymers is very voluminous
and we do not pretend to provide an exhaustive analy�
sis. In the present review, we would like only to men�
tion that crystallization under spatially confined con�
ditions is among the characteristics features of these
systems. In particular, orientation effects occurring
during crystallization in other spatially confined poly�
mers are likewise distinct in microdomains of block
copolymers. For example, Fig. 41 illustrates feasible
spatial orientations of crystallites in the domains of
block copolymers having cylindrical morphologies

[252]. It is important that, although many features of
crystallization of polymers in the confined volume
manifest themselves for block copolymers as well,
these systems exhibit certain specific features inherent
in block copolymers solely. These are above all the
influence of the composition of the block copolymer,
the morphology of the crystallizable block, and the
character of the intermolecular interaction between
blocks.

For example, in the case of the block copolymer
composed of miscible blocks of polyamide 6–polyca�
prolactam (PA�6–PCL), the growth of crystallites of
PCL blocks is confined by the crystalline lamellas of
PA�6 that are formed at higher temperatures [253].

When block copolymers crystallize from solutions,
the selective solubility of blocks plays an important
role. If the insoluble block can crystallize, then crys�
tallization occurs under confined conditions and Tm

and Тcr are depressed [254, 255]. However, during
crystallization from solutions, one more factor affect�
ing crystallization arises, namely, the solvent.

In conclusion of this section, let us consider recent
study [256], in which the crystallization of block
copolymers was implemented in the nanoporous
structure of AOPs. In this study, geometric spatial
restrictions acting on the crystallizable polymer in the
block copolymer were combined with spatial restric�
tions related to the nanosized structure of the AOP.
Block copolymers based on PEO and PCL were stud�
ied. Let us examine the data available only on one
block copolymer PEO114�block�PCL88, where the dig�
its denote the degree of polymerization for each block.
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Fig. 41. Schematic representation of two possible orientations of chains in cylindrical domains of the block copolymer [252].
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It is significant that, in this block copolymer, both
immiscible components are capable of crystallization;
therefore, these block copolymers were studied in
length [257–259]. It was shown that, in the bulk
(a bulk sample) the block copolymer exhibits two crys�
tallization peaks, at 25 and 20°C, which are related to
the fractional crystallization of PCL [256]. The intro�
duction of the block copolymer PEO114�block�PCL88

into the nanosized cylindrical pores of the AOP�based
template drastically changes the picture of its crystal�
lization. As is clear from Fig. 42, the main crystalliza�
tion peak shifts to a temperature of –26°C in 65�nm�
dia nanopores and to a temperature of –53°C in 25�
nm�dia nanopores. On the basis of complex structural
studies, the authors of [256] stated that, in the nanop�
orous structure of the AOP�based template, the crys�
tallization of PEO blocks is fully suppressed, while the
crystallization of PCL blocks occurs via homogeneous
nucleation at high levels of supercooling. The causes
of such a complicated thermodynamic behavior of
block copolymers are presently still unclear.

Effect of Crystallite Sizes on the Melting Temperatures 
and Heats of Melting of Polymers

As was noted above, during crystallization of a
polymer in nanopores, the stage of nucleation prevails
over the stage of crystallite growth. This circumstance
inevitably entails formation of a product with very
small crystallites. In turn, the decrease in the sizes of

crystals is accompanied by an increase in the interfa�
cial surface. As a result, the melting temperature
declines.

The Gibbs–Thomson equation is commonly used
to describe the dependences of Tm on the sizes of crys�
tallites and interfacial surface energy [7, 260, 261]. It
may be written as

(1)

where  is the equilibrium melting temperature of a
crystal with infinite sizes, ρc is the density of the crys�

tal,  is the specific heat of melting, and d is the
diameter of a crystallite.

In the considered case of melting in the confined
space, d is the diameter of a nanopore in which the
polymer was crystallized. As follows from Eq. (1),
melting temperature depression ΔTm is inversely pro�
portional to the diameters of pores.

Figure 43 shows the DSC thermograms of PE
melting in narrow cylindrical pores of various diame�
ters [168]. It is seen that, as the diameters of pores
decrease, the melting temperature of PE declines
appreciably.

In summary of this section, note that the heat of
polymer melting depends on its spatial restrictions as
well. This dependence reflects, in particular, the effect
of the diameters of the pores in which crystallization of
the polymer is performed on its degree of crystallinity.
The decline in the degree of crystallinity of the poly�
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Fig. 42. DSC thermograms for crystallization of the
PEO114�block�PCL88 block copolymer in the bulky state
and in the cylindrical nanopores of the AOP template. The
numbers next to the curves refer to the diameters of cylin�
drical nanopores. Letters O and E designate homogeneous
and heterogeneous nucleations, respectively [256].
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Fig. 43. DSC thermograms of (1) bulky PE, (2) the com�
mercial product with crystallite diameters of 220 nm, and
(3–7) PE crystallized in cylindrical pores with diameters
of (3) 110, (4) 62, (5) 30, (6) 20, and (7) 15 nm [169].
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mer under spatial restrictions may be very substantial.
For example, as was shown in [168], the degree of
crystallinity of PE in pores with diameters of 15 nm is
as low as 30% (Fig. 25), while in the bulky state, the
degree of crystallinity of PE is 71%.

Kinetics of Polymer Crystallization
under Spatial Nanorestrictions

To this point, the effect of spatial restrictions on the
structures and thermodynamic behavior of crystalliz�
able polymers was discussed. It is evident that spatial
restrictions exert a strong effect on the kinetics of crys�
tallization of polymers as well.

As a rule, as the film thickness of the crystallizable
polymer is decreased, the rate of its crystallization
declines. Figure 44 plots the rates of crystal growth in
thin polymer films reduced to the rate of crystalliza�
tion of the bulky polymer [262–264]. It is well seen
that the rate of crystal growth begins to decline consid�
erably with a decrease in the thickness of the crystalli�
zable polymer film (at a thickness of ~50 nm). This

decline may be very considerable (by orders of magni�
tude), and in some cases, the rate of crystallization
declines to almost zero. For example, as the thickness
of the PEO film is decreased to several nanometers,
the rate of its crystallization may be less than 1% of the
rate of crystallization of the bulky polymer [265].

This decline in the rate of crystallization in thin
(nanometer) layers turns out to be of a general pattern.
As was mentioned above, under conditions of con�
fined volume, the degree of crystallinity of the polymer
and the rate of its crystallization decrease substantially
[130, 265–272].

A question arises about the causes of such a strong
reduction in the rate of crystallization in thin films of
crystallizable polymers. In [273], the crystallization of
PEO adsorbed in the form of a monolayer on a silicon
surface was studied. During crystallization of this sys�
tem, crystallization of the adsorbed polymer layer
begins. Structural rearrangements accompanying
crystallization are presented in Fig. 45. Crystallization
is initiated on a certain heterogeneous nucleus and
occurs via attachment of macromolecules situated
vertically to form the lamellar structure (the flat�on
orientation of the lamella relative to the substrate).
After attachment of molecules to the crystal, the
energy of crystallization is evidently released. The
energy is higher if molecules are situated vertically,
because, in this case, they have a greater amount of
neighbors. The transport of molecules to the site of
crystallization is the critical stage of this process. As in
many other systems, this stage is limited by diffusion
[274]. A change in the structure of the adsorbed poly�
mer layer from the chaotic arrangement of macromol�
ecules in the adsorbed layer to the vertical orientation
of chains leads to depletion of the zone before the
crystallization front. This process creates a free or
empty zone on the surface because the surface area
occupied by adsorbed molecules is higher than the
surface area occupied by vertically crystallized chains.
For a molecule to attach to the crystal, it should dif�
fuse through the empty zone. Naturally, this kind of
diffusion limits and sharply decreases the rate of crys�
tallization on the whole.

Heterogeneous nucleus

Lamellar crystal

Adsorbed polymer

Fig. 45. Schematic representation of structural rearrangements accompanying the growth of lamellar crystals from the thin
adsorbed polymer layer [273].
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Fig. 44. Rate of crystal growth vs. film thickness for (1) iso�
tactic PS [261] and (2, 3) PEO with M = (2) 272 × 103

[262] and (3) 105 [263].
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This explanation of deceleration of the crystalliza�
tion rate in thin polymer layers is not the only. Note
that, in thin layers of the polymer, its Tg may change
appreciably as well. In cases when there is an intense
intermolecular interaction between the crystallizable
polymer and the substrate, Tg of the polymer may
increase noticeably (Fig. 5). A gain in Tg of the poly�
mer at the interfacial boundary implies that its molec�
ular mobility declines abruptly. At the same time, the
rate of crystallization is determined in particular by the
capability of macromolecules for structural rearrange�
ments necessary for the development of crystal order.
As a result, the given deceleration of the molecular
mobility may cause a sharp decline in the rate of crys�
tallization of the polymer in thin layers [275]. For
example, the grass�transition temperature of PEO on
a silicon wafer increases by more than 30°C in thin
nanometer layers [265]. According to the authors of
[265], this circumstance is responsible for a sharp
decline in the rate of PEO crystallization.

The kinetics of crystallization in thin polymer lay�
ers was examined in many publications, and the data
were treated in terms of the Avrami equation [276–
278]. The main feature of this analysis is the well�
defined reduction of index n in the Avrami equation
relative to its value for the bulky polymer. For example,
the kinetics of crystallization of the block copolymer
containing PE blocks and the styrene–ethylene–
butene copolymer was studied [279]. In this block
copolymer, the crystallizable block (PE) is present in
the form of spherical domains with diameters of 25
nm. For individual PE, n = 2.4 at 95°C, whereas for
the block copolymer, n = 1. In this case, crystallization
in the block copolymer occurs via the homogeneous
nucleation. This first�order kinetics is typical for the

crystallization of the polymer confined in the micro�
domain. This situation is expected because the three�
dimensional free growth of crystals under nanometer
restrictions is hampered.

Lyophilization Technique

An important point is that the above�described
decline in the rate of crystallization of polymers was
observed during crystallization of thin polymer films
in contact with various kinds of substrates. At the same
time, there is a universal way of creating nanometer�
scale restrictions in polymers not in contact with sub�
strates. This opportunity is provided by the lyophiliza�
tion technique. In this case, the polymer solution is
cooled with liquid nitrogen and then dry sublimation
of the solvent is performed in vacuum. As a result, a
highly dispersed polymer system is formed. It consists
of isolated solid elements with sizes depending on the
concentration of the initial solution. It was proposed
[280] that the structures of such aerogels inherit to a
certain extent the structure of the solution subjected to
lyophilization. The microscopic study makes it possi�
ble to see that the aerogel consists of fibrillar�like ele�
ments with nanoscale diameters [281].

For these systems, as for other nanosized polymer
phases, the values of Tg decrease [282–286]. It is very
important that the lyophilization technique provides a
way to study the effect of nanometer�scale spatial
restrictions on the crystallization of polymers when
the crystallizable polymer is not in contact with any
substrate. This circumstance drastically changes the
crystallization kinetics of the polymer under confined
conditions. For example, PC, which poorly crystal�
lizes in the bulky state, crystallizes intensely and very
rapidly when it is lyophilized from dilute solutions
[200]. The crystallization of polymers obtained via
lyophilization of their solutions was studied in detail
for such crystallizable polymers as isotactic PS [192–
196], isotactic and syndiotactic PPs [198, 199], PC
[201], PVDF [202], and PET [203]. In all cases, crys�
tallization of the polymer accelerated abruptly relative
to its crystallization in the bulk.

It appears that dispersion of the polymer via lyo�
philization sharply increases molecular mobility of the
polymer; accordingly, its cold crystallization is
affected as well. In [204], this phenomenon was
revealed in the study of crystallization of poly(L�lac�
tide). Figure 46 shows the DSC thermograms of the
bulky poly(L�lactide) and poly(L�lactide) lyophilized
from its 0.07% solution in dioxane.

As is seen from Fig. 46, spatial restrictions intro�
duced into the polymer via lyophilization likewise
affect the process of cold crystallization of the poly�
mer. On the one hand, the peak of crystallization for
the lyophilized sample (curve 2, Fig. 46) shifts from
129 to 136°C and, on the other hand, a well�defined
peak of cold crystallization appears in the low�temper�
ature range (77°C). The glass�transition temperature,
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Fig. 46. DSC thermograms of (1) individual (monolithic)
poly(L�lactide) and (2) poly(L�lactide) lyophilized from
its 0.07% solution in dioxane [204].
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which is usually observed for poly(L�lactide) at 60°C
(Fig. 46, curve 1), is absent for the sample lyophilized
from a 0.07% polymer solution in dioxane (Fig. 46,
curve 2). It is assumed that a decrease in the tempera�
ture of cold crystallization is associated with a high
molecular mobility of the polymer subjected to lyo�
philization. The same situation is responsible for Tg

depression for poly(L�lactide) subjected to lyophiliza�
tion.

An increase in the rate of crystallization for high�
vacuum freeze�dried polymers is possibly associated
with a marked depression of the glass�transition tem�
perature of the polymer as a result of its dispersion
(increase in molecular mobility) and with the absence
of deceleration of polymer transport to crystallization
sites during its diffusion over the substrate surface.

CONCLUSIONS

Our analysis of the literature data suggests that the
dispersion of polymers into nanosized aggregates dras�
tically affects the phase transitions and the ability of
polymers to crystallize. At present, there are many sys�
tems in which the structuring of polymers is restricted
at the nanolevel at least in one direction. These are
thin polymer films or layers; polymers incorporated
into nanoporous materials with various pore morphol�
ogies; blends and block copolymers; polymers whose
structures are formed via lyophilization; and nano�
droplets, nanofibers, nanotubes, nanocomposites, and
many other more complex systems, including systems
of the biological origin. For these systems, some gen�
eral features of their structuring may be distinguished.
Key factors determining the specific features of poly�
mer structuring in the confined nanovolume are the
size and morphology of the confined nanovolume and
the conformation of the polymer in the surface layer,
the level of its interaction with the surface, and the rate
at which macromolecules can diffuse to the boundary
of the growing crystal. At the same time, the above sys�
tems are characterized by their specific features, as
manifested by the appearance of additional factors
influencing structuring processes. For example, the
nucleation and crystallization of polymers in nanop�
ores depend on whether these processes occur inde�
pendently in a pore or in contact with the surrounding
polymer solution or melt. For block copolymers,
along with common factors, the degree of connectivity
of blocks set by their molecular masses plays a marked
role. The structural diversity of block copolymers
makes it possible to study the effect of one�dimen�
sional and two�dimensional restrictions on crystalliza�
tion in lamellar and cylindrical microdomains,
respectively.

In the case of amorphous polymers, dispersion into
nanometer sizes may decrease the glass�transition
temperature by many tens of degrees. However, the
contact of nanometer polymer aggregates with the
substrate may decrease, not change, or even increase

the glass�transition temperature of the polymer,
depending on the character of its interaction with the
substrate material. Spatial restrictions likewise affect
the parameters of phase transitions of crystallizable
polymers, thereby leading to a decline in the tempera�
tures of crystallization and melting. As the sizes of
restrictions are decreased, the heats of melting drop
and the degrees of crystallinity of polymers decrease.
Grinding of a polymer to nanometer sizes shows a
strong effect on the type of nucleation during crystal�
lization of the polymer. From the heterogeneous char�
acter of nucleation, which is usually observed during
crystallization of bulky polymers, as the length of the
polymer phase is decreased, the transition to the
homogeneous character of nucleation occurs through
the stage of fractional crystallization or heterogeneous
surface nucleation on the walls of pores or on the sur�
face of the solid substrate. The crystallization of poly�
mers under confined conditions is accompanied by the
orientation of crystallites in the nanometer asymmet�
ric space and is determined not only by the size and
morphology of restrictions but also by the character of
its interaction with the solid surface and the ratio of
the rates of nucleation and growth of crystals. The
effect of restrictions on the crystallization of polymers
may also lead to a change in the morphology of crys�
tals.

The dispersion of polymers into nanometer
domains is additionally reflected in the kinetics of
crystallization of polymers. When the polymer is in
contact with the rigid substrate, the rate of crystalliza�
tion of the polymer decreases abruptly relative to the
rate of its crystallization in the bulk, and, conversely,
when the dispersed polymer is not in contact with the
substrate (aerogels), the rate of its crystallization in
nanometer domains increases sharply.
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